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A B S T R A C T   

The wear resistance of the biomedical low-carbon Co-28Cr-6Mo (wt.-%) alloy is primarily determined by the 
onset and magnitude of the face-centered cubic to hexagonal close-packed deformation-induced martensitic 
phase transformation. In metal-on-metal joint bearings, local plastic deformation occurs on the surface and in the 
subsurface regions. This can cause deformation-assisted structural changes in the material, such as mechanical 
twinning and/or martensitic transformation. In the present work, we report the structural transition on the 
surface and bulk of a laser powder bed fusion additively manufactured Co-28Cr-6Mo alloy in response to an 
externally imposed load. This study was possible using in-situ synchrotron X-ray diffraction at two different 
energy levels. Our results revealed that from tensile deformation to fracture, the phase transformation kinetics 
and magnitude were marginally higher on the surface. During transformation, {200}FCC peak broadening was 
observed in the bulk and this was attributed to stacking fault accumulation.   

1. Introduction 

Additive manufacturing (AM) techniques, such as electron beam 
and/or laser powder bed fusion, are increasingly being employed to 
fabricate biomedical implants and dental components from Co-28Cr- 
6Mo (wt.-%) precursor powders [1–3]. High wear resistance and high 
mechanical strength are two crucial criteria for alloys used for 
metal-on-metal joint replacements. When two bearing surfaces slide 
against each other, the load is carried by several asperities rather than 
across the entire surface [4,5]. Under high local contact stresses, these 
asperities can be plastically deformed and eventually torn off, producing 

particulate wear debris that can lead to wear abrasion [4]. The release of 
debris can cause adverse reactions, including metal hypersensitivity, 
inflammation, osteolysis, carcinogenicity, and neuropathy [6]. Owing to 
its high mechanical strength and wear resistance, the low-carbon 
Co-28Cr-6Mo (wt.-%) alloy, which complies with the ASTM F-75 stan-
dard, is the preferred alloy for articulating surfaces in joint re-
placements. The high strength and good wear resistance of this alloy 
system are attributed to the deformation-induced martensitic trans-
formation from face-centered cubic (FCC) to hexagonal close-packed 
(HCP) [7–10]. Henceforth, the FCC and HCP phases are also referred 
to γ and ε, respectively. 
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The γ/ε interfaces formed during the phase transformation act as 
barriers for dislocation gliding and suppress strain localization. During 
displacive martensitic transformation, the applied stress state can bias 
the crystallographic variant of the product phase from the parent phase 
[11]. Below 850 ◦C, the Co-28Cr-6Mo alloy has a negative stacking fault 
energy [12,13] and is therefore susceptible to deformation-induced 
martensitic transformation that can take place on the surface and in 
the subsurface layers in addition to the bulk. 

Compared to materials fabricated by conventional processing routes, 
in the laser powder bed fusion (LPBF) process, superior mechanical 
properties and unique microstructural features can be attained. This is 
mainly attributed to the fast solidification and high cooling rates 
(~105–106 K/s) [14] of the melt pool. Such non-equilibrium conditions 
lead to formation of small grains (10–100 µm) containing ultrafine so-
lidification cells (<1 µm) which are surrounded by dense dislocation 
walls contributing to mechanical strengthening [15,16]. In addition, 
Wang et al. [14] reported that in Co-Cr-Mo alloys fabricated via LPBF 
process, 95 vol.-% of athermal HCP phase was achieved. The high vol-
ume fraction of HCP phase was attributed to high density of dislocations 
and stacking faults formed by non-equilibrium rapid solidification. In 
contrast, cast material with an identical chemical composition attained 
such volume fraction of HCP phase only after heat treatments were 
conducted. However, the authors did not report on the procedure used 
for sample preparation. Therefore, the high volume fraction of HCP 
phase observed in their LPBF as-built specimen can be caused by 
deformation-induced martensitic transformation. For example, con-
ventional metallographic preparation procedure involves grinding and 
mechanical polishing which causes a plastic deformation of the 
surface/sub-surface regions. Such deformation can locally promote the 
FCC→HCP phase transformation. Therefore, the high volume fraction of 
HCP phase in the as-built specimen reported Wang et al. [14] can be 
caused by deformation-induced martensitic transformation originated 
from the metallographic preparation of samples. 

Lu et al. [15] pointed out that the accumulation of residual stresses 
during the LPBF process resulted in the generation of overlapping 
stacking faults embryos by dissociating of perfect dislocation into a pair 
of Shockley partial dislocations promoting the formation of the HCP 
phase. In stainless steel, Freeman et al. [16] observed the presence of a 
highly metastable retained austenite originated from the LPBF process. 
This was not reported previously in alloys produced by conventional 
fabrication methods. 

The displacive γ→ε phase transformation in the Co-28Cr-6Mo alloy 
follows the Shoji-Nishiyama (S-N) orientation relationship: 

{111}γ//{0001}ε and 
〈

110
〉

γ
//
〈

2110
〉

ε 
and during this trans-

formation, the austenitic grain can transform into twelve ε-martensite 
variants [17]. These 12 variants originate from the initial parent γ-phase 
through a shear process. However, depending on the austenitic crystal 
orientation and its stress state, not all martensitic variants may occur. 
Bokros and Parker [18] found that favored martensite variants have 
habit planes that are nearly perpendicular to the active slip plane in γ. In 
addition, an external stress applied to the bulk specimen increases the 
lattice strain [19], which increases the driving force of the martensitic 
transformation. This can be related to the reduction of the Gibbs free 
energy of the martensitic transformation, contributing to the variant 
selection [11,20,21]. 

The extent of the γ→ε phase transformation during plastic deforma-
tion has recently been analyzed using synchrotron light sources [1,19, 
22]. In addition, variant selection analyzes were previously carried out 
on low stacking fault energy alloys [23,24]. However, these studies did 
not compare characteristics of both the phase transition and the variant 
selection occurring on the surface and in the bulk. This is unprecedented 
in obtaining the comprehension of material behavior during service. 

Here, we present results of in situ tensile loading experiments using 
two synchrotron light sources with different energy levels, which allowed 
us to probe both the surface and bulk microstructural evolution of the as- 

built parts. We have identified the onset and kinetics of the deformation- 
induced phase transition in addition to the rate of lattice strain accu-
mulation in both the bulk and the surface. Moreover, variant selection 
analysis revealed differences between the bulk and surface regions. 

2. Material and methods 

2.1. Material 

MP1 alloy powder feedstock (EOS GmbH, Krailling, Germany), in 
compliance with the ASTM F-75 standard, was used to prepare tensile test 
specimens using an EOSINT M280 selective laser melting machine (EOS 
GmbH, Krailling, Germany). The machine was operated in a nitrogen at-
mosphere using standard process parameters for the MP1 alloy. Two 
specimens were fabricated for conventional tensile testing, and two sam-
ples were produced for in situ synchrotron X-ray measurements under load 
application. The cross-sectional areas of samples for conventional tensile 
testing and synchrotron X-ray diffraction load experiments were 6×2 mm2 

and 3.96×1.50 mm2, respectively. Additional experimental details can be 
found in a previous study [19]. The chemical composition (wt.-%) of the 
produced samples was 27.89Cr-6.27Mo-0.72Mn-0.62Si-0.32Fe-0.1-
Ni-0.14C-0.14N, balance Co. The metallic elements were determined by 
a PANalytical Axios X-ray fluorescence spectrometer, and the carbon and 
nitrogen contents were determined by the combustion infrared detection 
technique (LECO CS844 analyzer) and by the inert gas fusion technique 
(LECO TC400 analyzer), respectively. 

Yamanaka et al. [25,26] reported that a nitrogen addition to the 
Co-28Cr-6Mo alloy plays a crucial role in the athermal and 
deformation-induced HCP phase nucleation and, consequently contributes 
to the γ phase stabilization. Due to fact that a nitrogen atmosphere was 
used in the build process, a nitrogen pickup, i.e. 0.14 wt.-%, occurred 
during the fabrication of the samples. It is to be noted that, the build 
chamber was purged continuously with nitrogen throughout the process. 

One could speculate that there is a variation of the nitrogen content 
from the surface to the inner bulk part. However, the nitrogen diffusivity 
along the specimen can be neglected. This is because, differently from 
other powder bed fusion techniques such as electron beam melting, the 
LPBF process does not use preheating of the powder bed or any kind of 
heat treatment during fabrication. Although the build plate was pre- 
heated to 80 ◦C, there is no sufficient thermal energy to significantly 
activate the nitrogen diffusion from one region to another along the 
sample being produced. Therefore, we have assumed that the nitrogen 
content at the surface is identical with that in the inner bulk part. 

2.2. Tensile deformation 

Tensile test specimens with a cross section of 6×2 mm2 and 32 mm in 
gauge length, were deformed at room temperature in a strain control mode 
to 4% plastic strain on an MTS 810-FlexTest 40 servo-hydraulic testing 
machine. The strain rate used was 5×10− 3 s− 1, and the average strain over 
a gauge length of 25 mm was recorded using an MTS 632.24C-50 exten-
someter. Mechanical properties including yield stress, ultimate tensile 
strength, and elongation at break, were obtained from tensile tests using 
experimental details reported in a previous paper [19]. 

Because the alloy exhibits work hardening, the side surfaces of the 
fabricated tensile specimens were electropolished before tensile defor-
mation. Electropolishing was performed using a Struers Lectropol-5 
equipment at 25 ◦C under 20 V tension using a solution of 10% 
perchloric acid in acetic acid. The surfaces of the deformed specimens 
were then subjected to microstructural characterization without the 
need for additional metallographic preparation. The bulk microstructure 
was obtained from the deformed tensile test specimen with 2 mm in 
thickness that was electropolished to a distance 1 mm from the surface. 

L.H.M. Antunes et al.                                                                                                                                                                                                                          



Additive Manufacturing 46 (2021) 102100

3

2.3. Microstructural characterization 

The electropolished as-built and deformed tensile test specimens 
were examined via field emission gun scanning electron microscopy 
(FEG-SEM) using FEI 650 and FEI 450 microscopes that were both fitted 
with electron backscattered diffraction (EBSD) detectors (Nordlys, Ox-
ford Instruments). The acceleration voltage used to acquire the EBSD 
maps was 15 kV and the step size was 0.1 µm. 

For nanoscale characterization, transmission electron microscopy 
(TEM) was used. Disc specimens that were 3 mm in diameter were cut 
from ~100 µm thick electrolytically thinned foils taken from both the as- 
built and 4% deformed tensile test specimens. The disc specimens were 
then further electropolished to obtain electron transparency using a 
Struers Tenupol-3 apparatus with the electrolyte and conditions 
mentioned previously. A JEOL FX2100 transmission electron microscope 
operated at 200 kV was utilized to acquire bright field micrographs. 

2.4. Synchrotron X-ray diffraction experiments 

Tensile test specimens with cross section of 3.96×1.5 mm2 and 
4.5 mm in gauge length were used in synchrotron X-ray diffraction 
systems that can impose mechanical load. The load was applied 
perpendicularly to the specimen’s build direction at a strain rate of 10− 3 

s− 1 while simultaneously acquiring X-ray diffraction patterns. Two 
synchrotron X-ray sources were utilized in this study, XRD1/XTMS 
beamline at the Brazilian Synchrotron Light Laboratory (LNLS) at the 
National Center for Research in Energy and Materials, Campinas/Brazil 
and P07/Petra III beamline at the German Electron Synchrotron (DESY), 
Hamburg/Germany. The beam size at the XRD1/XTMS and at the P07/ 
Petra III beamline was 2×2 mm2 and 1×1 mm2, respectively. In both 
experimental trials, the beam size was larger than the average grain size 
measured in our specimens (i.e. ~40 µm).  

1. The bulk crystal structure evolution was evaluated in transmission 
mode using high-energy X-ray diffraction at a wavelength of 
0.1423 Å (87 kV). This ensures that several layers were captured and 

therefore, bulk information was obtained. Diffraction data were 
collected for 60 s using a 2D Mar345 detector, while the load was 
held constant at ~2.5% strain increments up to fracture. The strain 
values were determined from the crosshead displacement.  

2. The crystal structures on the surface and in the subsurface regions 
were measured using X-ray diffraction at a wavelength of 1.034 Å 
(12 kV). Tensile loading experiments were performed by mounting 
the samples in a loaded rig of the GLEEBLE 3500 thermomechanical 
simulator, and the strain was measured using a laser extensometer. 
The load was held constant for 400 s at ~2% strain increments up to 
fracture, and diffraction patterns were simultaneously captured 
using two 1D Mythen detectors in the reflection mode. 

To normalize the different energies from the synchrotron light 
sources, the full width at half maximum was calculated using the mo-
mentum transfer in reciprocal space (Q) and the Peak Analyzer tool from 
Origin (OriginLabs) software. 

Q =
4πsinθ

λ
(1)  

where θ is the Bragg angle and λ is the wavelength, which is equal to 
0.142 Å and 1.033 Å at beamlines P07/Petra III and XRD1/XTMS, 
respectively. 

The lattice strain values (e) of the γFCC planes were estimated using 
the Stokes and Wilson methods. 

e =
β

4tanθ
(2)  

β is the full width at half maximum expressed in radians, and θ is the 
Bragg angle [27]. 

The volume fractions of the γ and the ε phases were determined via 
Rietveld analysis using the FullProf software package. The space groups 
used in the refinement were Fm3m for the γ-phase and P63/mmc for the 
ε-phase, respectively. The only correction of the preferred orientation 
was performed on {111}γ planes, using the preferential plane parameter 
for this phase. 

2.5. Variant selection analysis 

The γ→ε transformation takes place in every second (111)γ plane 

that is displaced in the 
[
112

]

γ 
direction by aγ/√6 [28], causing the 

shear planes {111}γ to be parallel to the {0001}γ planes of the 
ε-martensite. Following these criteria, Patel-Cohen [17] developed a 
model to predict the interaction energy of γ→α′ phase transformation 
and, consequently, predict variant selection. Later, Humbert [29] 
described γ→α′ a transition based on a two-step model with an inter-
mediate phase (ε-martensite). Then, the α′-martensite variant selection 
can be estimated from the γ→ε→α′ transformation. The two-step model 
has been omitted by several authors because the one-step model yielded 
the same results. However, Humbert’s approach can be employed when 
the ε-martensite phase is of interest. 

Kundu and Bhadeshia [21] showed that the Patel-Cohen [17] and 
Humbert [29] models differ by a factor of 0.5 because Humbert [29] 
assumed that the stress-strain relationship is elastic; however, the 
transformation strain is plastic. According to Patel-Cohen [17], the 
interaction energy can be written as 

W = σϵ (3)  

where σ is the macroscopic stress-imposed tensor and ϵ is the trans-
formation strain associated with the phase transformation. We used the 
Humbert model with a crystal reference frame to describe the phase 
transformation [30]. Therefore, for uniaxial stress, the interaction en-
ergy can be rewritten as: 

Fig. 1. EBSD Euler orientation map revealing columnar grains in the as- 
built sample. 
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Wγ→ε = mσ11ϵ13 (4)  

where m is the Schmid factor for the {111}γ〈112〉γ slip system, σ11 is the 
applied uniaxial stress, and ϵ13 is the pure shear transformation strain 
associated with the transformation, where ϵ13 = ϵ31 = (2

̅̅̅
2

√
)
− 1. Thus, 

the selected variants for ε-martensite are the variants with the highest 
Schmid factor. Finally, according to Humbert [29], only the variants 
with the maximum interaction energy were selected. Therefore, the 
variant with the highest energy was chosen, followed by the others that 
had energy in the range of 10% of the energy of this variant. This was the 
severity factor proposed by Humbert et al. [29]. 

3. Results and discussion 

A typical textured columnar microstructure formed in the as-built 
sample is shown in EBSD Euler orientation map, Fig. 1. A single 

γ-phase was identified in this condition. It is to be noted that this map 
was collected from the surface of the as-built specimen prior to any 
plastic deformation. The 4% plastic deformation applied to the speci-
mens caused the γ→ε phase transformation and formation of slip traces 
aligned within the columnar grains, Fig. 2a and c. In addition, these 
figures revealed that the extent of transformation on the surface was 
greater than that in the bulk. Please note, that the EBSD maps of the bulk 
specimen were collected from the deformed tensile test specimen (2 mm 
in thickness) that was electropolished to a distance of 1 mm from the 
surface. Hegele et al. [31] pointed out that the extent of martensitic 
transformation on the surface may be enhanced in the presence of ox-
ides. However, the X-ray diffraction analysis performed in the current 
work did not reveal the existence of oxides. Therefore, other factors 
discussed in the following sections are considered to boost the kinetics of 
martensitic transformation on the surface. 

LPBF specimens present considerable residual stresses owing to the 

Fig. 2. EBSD phase and band contrast map collected after ~4% plastic deformation revealing the presence of deformation-induced ε martensite on the surface (a) 
and in bulk, (c), respectively. In these figures, the {111} slip traces are depicted. The corresponding Kernel average misorientation maps are shown in (b) and (d). BD 
indicates build direction and LD indicates load direction. 
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non-equilibrium solidification conditions experienced by the material 
after each layer is deposited [32]. When subjected to strain, part of this 
residual stress is relieved by the deformation-induced martensitic 
transformation, leaving a residual plastic strain caused by the volume 
expansion resulting from the γ→ε phase transformation [33]. This is 
manifested by the increased values of Kernel average misorientation 
(KAM), as presented in Fig. 2b and d. The KAM values of the ε-phase are 

lower and more evenly distributed in the bulk compared to the surface. 
The lower KAM values and their homogeneous distribution in the bulk 
(Fig. 2d) indicate that the plastic strain occurring from the martensitic 
transformation is accommodated by more γ grains surrounding the 
newly nucleated ε-phase. The higher degree of misorientation and its 
heterogeneous distribution at the surface (Fig. 2b) is an indication that 
the plastic strain occurring from the martensitic transformation is 

Fig. 3. Euler orientation maps collected from: (a) surface and (d) bulk. (b) and (e) are experimentally determined (0002), 
(

1010
)

, and 
(

1120
)

pole figures of ε 
variants from boxed regions in (a) and (d) for surface and bulk specimens, respectively. (c) and (f) are calculated (0002), 

(
1010

)
, and 

(
1120

)
pole figures of ε 

variants from the boxed regions in (a) and (d) for surface and bulk specimens, respectively. BD indicates build direction and LD indicates load direction. 

Fig. 4. Bright-field TEM micrographs showing stacking faults in undeformed specimen (a) and formation of deformation-induced ε-martensite (depicted with arrows) 
after ~4% plastic deformation in (b). 
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accommodated by fewer γ grains surrounding the newly nucleated 
ε-phase. Here, a heterogeneous stress field is produced near grain 
boundaries owing to the grain boundary constraint and the impinge-
ment on the ε plates from the neighboring grains [34]. 

Variant selection analysis was carried out using EBSD maps acquired 
from the bulk and the surface after tensile loading (refer to Fig. 3). The 
orientation maps from the surface and bulk are shown in Fig. 3a and d, 
respectively. 

Fig. 3b shows the experimentally determined pole figures for 
ε-martensite from the subset depicted in Fig. 3a. Here, only one 
ε-martensite crystallographic variant was observed. Using a set of 
experimentally determined Euler angles of the γ-phase in the boxed 
region in Fig. 3a, ε-martensite variants were calculated using the 
Humbert model presented in Section 2.5. The Euler angles used for the 
Humbert model were [297.8◦, 46.0◦, 28.9◦], and the resulting pole 

figures are shown in Fig. 3c. One can note a good match between the 
experimentally determined and simulated pole figures (Fig. 3b and c). 
The same approach was applied to the bulk specimen, revealing good 
agreement between the experimentally determined and simulated pole 
figures (Fig. 3e and f). 

Table A.1 (Appendix A) shows the crystallographic variants for 
ε-martensite with orientation, Schmid factor, and interaction energy for 
each slip system. The selected variants were those with highest Schmid 
factors for Shockley partial dislocations. The experimental results of 
selected crystallographic variants and observed slip traces coincide with 
calculation results of the interaction energy for the martensitic trans-
formation and Schmid factor values (detailed in Table A.1). 

Comparing the crystallographic variants present in bulk and surface, 
it was observed that the latter showed only one variant in the analyzed 
region, while in the bulk specimen, two variants were present. During 
the selection of certain crystallographic variants, variant shape defor-
mation relieves the applied external stress. 

In general, the deformation-induced martensitic transformation in 
FCC alloys is governed by the motion of Shockley partial dislocation 
pairs consisting of leading and trailing partials with different Schmid 
factors. The calculation of Schmid factors for perfect dislocation (mp) in 
addition to leading partials (ml) and trailing partials (mt) showed the 
following: in most grains in which ε-martensite was detected, the 
Schmid factors of the leading partials (dislocations that form the 
ε-martensite) were lower than those of the trailing partials. Our analysis 
also revealed that the activated slip at the onset of plasticity was limited 
to the primary slip on one of the slip systems with the highest Schmid 
factors. Therefore, the γ→ε transformation is governed by the critical 
resolved shear stress (τCRSS) to activate the slip. Lee et al. [23] attributed 
this phenomenon to the negative-stacking fault energy in this alloy 
system. Consequently, isolated partial dislocations are preferred for the 
motion of the leading-trailing Shockley partial pairs. In addition, no 
ε-martensite variants were observed to be parallel to the load direction. 
This is because this orientation would decrease the resolved shear stress 
and then suppress the formation of ε-martensite variants [35]. 

Zhang et al. [34] reported that the formation of variants with lower 
Schmid factors becomes more prominent as the plastic deformation 
proceeds. Other factors, such as local stress concentration from 
martensite plates and inhomogeneous stresses near the boundary (as 
revealed in Fig. 2b and d) may affect the deformation mode and variant 
selection [36]. 

A bright-field TEM image of the bulk specimen prior to the defor-
mation is shown in Fig. 4a. Fringe contrasts from pre-existing stacking 
faults and their intersections can be observed. The majority of fringes 
terminated at the intersections of the {111}γ plane. The alloy of concern 

Fig. 5. True stress–true strain curve. Experimental and simulated kinetics of 
deformation-induced γ→ε phase transformation on the surface and in the bulk 
during tensile loading (experiments conducted at beamlines XTMS/LNLS Brazil 
and Petra III/DESY Germany). 

Table 1 
Kinetics parameters of martensitic transformation in the bulk and on the surface 
using model proposed by Choi et al. [38].  

Parameter Vs n β 

Surface  1  1.12  3.77 
Bulk  1  2.20  21.55  

Fig. 6. (a) Secondary electron micrographs 
acquired on the pre-polished side surface of the 
deformed tensile test specimen at (a) distance of 
30 µm from fracture and (b) at the fracture. 
Please note that the micrograph shown in (b) 
was collected at a ~15◦ tilt angle. On left side of 
the image shown in (b), pre-polished side sur-
face of deformed tensile test specimen reveals 
pileups and slip traces produced by intersection 
of {111} slip planes with previously polished 
side surface. On right side of the micrograph, 
slip steps at pile-ups on fracture facets are 
shown. BD indicates build direction and LD in-
dicates load direction.   
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has a negative SFE [12] and is, therefore, susceptible to formation of 
stacking faults. Fig. 4b shows a bright-field TEM image of a sample 
subjected to ~4% plastic deformation. The presence of 
deformation-induced ε-martensite (depicted with an arrow) was 
observed in this condition. Under loading, the dislocation glide is 
inherently suppressed owing to the low stacking fault energy of the 
alloy. Consequently, slip is highly localized on pre-existing and 
strain-induced stacking faults with different crystallographic orienta-
tions. These regions form various variants of deformation-induced 
ε-martensite in the loaded sample, as observed in Fig. 3d. The 
measured misorientation angle between the two crystallographic vari-
ants of ε-martensite was ~71◦. The γ→ε transformation follows the S-N 

orientation relationship:{111}γ//{0001}ε and 
〈

110
〉

γ
//
〈

2110
〉

ε
. 

Therefore, different ε-martensite variants formed on one of the {111}γ 

planes can be obtained through the rotation of the basal plane by 71◦ in 
the corresponding 〈011〉γ direction [37]. With increasing load, the 
ε-martensite plates deform plastically, leading to deviations in the 
misorientation angles. 

The kinetics of the ε-phase during tensile deformation in bulk and on 
the surface were followed via the time-resolved X-ray diffraction mea-
surements, using two synchrotron light sources, as shown in Fig. 5. At 
the beginning of the loading, a single-phase γ-phase was identified. As 
the true strain increased, the γ→ε phase transformation started to occur. 
With increasing strain, the volumetric fraction of the ε-phase increased, 
and at a true strain of 0.115, it reached 21 and 30 vol.-% at the surface 
and in bulk, respectively. 

The kinetics of the γ→ε phase martensitic transformation, presented 
in Fig. 5, was estimated using Eq. (5), which was proposed by Choi et al. 
[38]. Thus, the deformation-induced phase transformation acts as an 
effective relaxation process to relieve the internal strain energy accu-
mulation during inelastic deformation. 

Vϵ = Vs(1 − exp( − βεn) ) (5)  

where Vϵ is the volume fraction of ε-martensite, Vs is the saturation 
volume fraction of ε-martensite, β is a kinetic parameter that charac-
terizes the stability of austenite, n represents the formation rate of 
nucleation sites, and ε is the strain (true or engineering). 

Since the material of concern is composed of grains with average size 
of 40 µm, low energy X-ray diffraction results can be affected by surface 
effects, whereas high-energy results are not. In addition, calculation 
results of the kinetic parameter, β, which characterizes the stability of 
austenite during martensitic transformation using the model proposed 
by Choi et al. [38], Table 1, revealed that the surface has a lower value of 
β than that of the bulk. This suggests that the surface has lower austenite 
stability when compared to the bulk. 

With the use of synchrotron X-ray diffraction in transmission mode, 
bulk information averaged over the thickness of the sample was ac-
quired allowing a volumetric evaluation of the bulk material free from 
surface effects. However, this information complements that obtained 
by surface characterization methods such as low energy X-ray diffrac-
tion or electron microscopy methods. Surface effects on martensitic 
transformation of several engineering alloys are well-know by now [39]. 
However, bulk residual stresses also play a role in this transformation. 
The issue is that LPBF process promotes the development of complex 
residual stresses that are not homogenous along the part. These 
non-homogenous residual stress patterns can then drastically modify the 
conditions of the martensitic transformation to occur. However, it is not 
possible to pin point yet what is the role of such residual stresses in the 
martensitic transformation. For this to be evaluated, an in-situ mea-
surement during the LPBF process needs to be performed. This, however, 
is beyond scope of the present paper and such measurement will be 
subject of further work. 

Fig. 6a shows the surface relief after 4% plastic deformation on the 
polished surface. In addition, surface cracking and melt-pool boundaries 
are visible. Fig. 6b shows the side surface slip traces produced by the 
intersection of the {111} slip planes with the polished side surface. 
These closely spaced slip steps produce facets with a lower pile-up 
height and coarsely spaced slip steps that produce higher pile-up 
heights. As shown on the left side of Fig. 6b, the slip steps on the side 
surface indicate that unrelaxed pile-ups existed before the fracture. 
Therefore, the crack initiated at the piled-up dislocations on the surface 
toward the bulk. Fig. 6b shows the fracture surface with the pile-up 
containing large slip steps, indicating a more ductile region in the 
bulk, as confirmed by the dimple structure along each slip step. The 
transformed γ-phase involves dense stacking faults, which effectively 
prevent dislocation movements in the γ-phase and contribute to the 
increase in the work-hardening rate [40]. Thus, at the interface between 
the γ and ε phases, there is strain incompatibility, leading to a stress 
concentration in this region. This stress concentration acts as a source of 
nucleation and microcrack growth as the plastic deformation continues. 
Therefore, it is likely that fractures originated at the surface of the 
specimen, which is in agreement with the work of Koizumi et al. [12]. 
Fig. 6 also revealed the formation of micro cracks at columnar grain 
boundaries. Therefore, in the LPBF material, there is strong texture 
sensitivity for plastic deformation, fracture initiation and formation of 
ε-martensite compared to that in equiaxed grains commonly observed in 
conventionally produced alloys (cast, forged and/or heat treated). 

On one hand, during tensile loading, significant peak broadening was 
observed in the {200}γ planes of the bulk specimen (refer to Fig. 7a). The 
peak broadening is caused by the accumulation of stacking faults and 
back stresses in the neighboring grains with increasing strain. Here, 

Fig. 7. (a) Evolution of full width at half maximum (FWHM) as a function of 
true strain in tensile loaded specimen. Please note peak broadening in {200}γ 
planes in bulk. (b) Evolution of lattice strain in individual γ crystallographic 
planes as function of true strain in tensile loaded specimen. 
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large stress fields are produced near the grain boundaries owing to the 
grain boundary constraint and the impingement of the ε plates from the 
neighboring grains in the bulk specimen. On the other hand, no signif-
icant peak broadening was observed at the surface. Another reason for 
smaller {200}γ peak broadening at the surface could be explained in 
terms of the enhanced martensitic transformation at the surface, Fig. 5. 
In general, the {200}γ peak is sensitive to dislocation density, causing 
more significant broadening. Mori et al. [41] argued that the 
ε-martensite is formed by consuming dislocations in the γ-matrix. In 
their work, synchrotron X-ray diffraction line-profile analysis was 
employed to track formation of ε-martensite and evolution of dislocation 
density during tensile deformation of multi-pass hot rolled Co-Cr-Mo 
alloy. During initial stages of tensile loading, the increase of the inte-
gral breadth of line profile was attributed to the rise of the dislocation 
density in the γ-matrix. At 0.2% proof stress, the dislocation density 
reached a maximum and ε-martensite started to form. With progressing 
plastic deformation, the observed reduction in dislocation density was 
attributed to the consumption of the dislocations in the γ-matrix during 
formation of ε-martensite. Results obtained by Mori et al. [41] are 
consistent with results presented in Fig. 7, where one can observe an 
increase in the FWHM of the plane {200}γ in the initial stages of loading. 
With progressing loading, the rise in the FWHM can be associated with 
an increase in dislocation density. At the final stages of the plastic 
deformation, the FWHM starts to decrease, indicating a reduction of the 
dislocation density accompanied by formation of ε-martensite. One half 
of the Shockley partial pair marks the ε-phase, while the other half 
disappears at the surface, leaving behind a slip band. Indeed, because 
the surface of the specimen was polished prior to the plastic deforma-
tion, the formation of slip bands (and surface relief) on the deformed 
sample surface was observed (refer to Figs. 2 and 6). Each band consists 

of a large number of slip steps equal to the Burgers vector b = 1/6
〈

121
〉

on {111} closely spaced parallel slip planes. Dislocations near the sur-
face can escape and therefore do not accumulate the same back stresses 
in neighboring grains. Therefore, no significant peak broadening was 
observed on the surface. For peak broadening, there is also an orienta-
tion dependence on the dislocation type [42,43]. 

In Fig. 7b, it is possible to see the increase in lattice strain with 
increasing true strain for both the bulk and the surface. When comparing 
the surface to the bulk, the magnitude of the lattice strain was lower at 
the surface. The lattice strain is relieved by the formation of slip bands at 
the surface, as mentioned previously. 

The higher lattice strain values contributed to the variant selection. 
Overall, the Gibb’s energy (G) in the transformation comprises its 
chemical (∆Gc) and mechanical (∆Gm) contributions. The interaction 
energy U (Eq. (6)) is a significant contributor to ∆Gm and is a large 
fraction of the total ∆G = ∆Gc + ∆Gm; variant selection can occur and 
contribute to G minimization occurring at equilibrium [11,44]. 

U = σNζ+ τs (6)  

where σN is the stress component normal to the habit plane; τ is the shear 
stress resolved on the habit plane in the direction of shear; and ζ and s 
are, respectively, the normal and shear strains associated with the 
transformation. 

4. Conclusions 

The characteristics of deformation-induced γFCC→εHCP phase trans-
formation in a Co-28Cr-6Mo alloy fabricated by laser powder bed fusion 
were investigated with two in-situ loading synchrotron-diffraction ex-
periments. During monotonic tensile loading, different energy levels 
were employed to follow the phase transformation in the transmission 
mode (i.e., in the bulk) and reflection mode (i.e., on the surface). 

The following conclusions were drawn:  

1. The accumulation rate of the ε-phase is higher on the surface than in 
the bulk.  

2. The formation of the ε-phase is associated with perfect dislocation 
slip for isolated partial dislocations rather than by Shockley leading- 
trailing partials.  

3. Although the ε-phase is considered to improve the wear resistance in 
this alloy system, the γ/ε interfaces are sites for crack initiation and 
propagation.  

4. The {200}γ peak broadening is associated with the accumulation of 
stacking faults with progressing strain. 
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Appendix A 

See Table A.1. 
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